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Abstract Nanomaterials can easily be prepared as

thin films and powders, but are much harder to prepare

in bulk form. Nanostructured materials are prepared

mainly by consolidation, electrodeposition, and defor-

mation. These processing techniques have problems

such as porosity, contamination, high cost, and limita-

tions in refining the grain size. Since most bulk

engineering metals are initially prepared by casting,

we developed a casting technique, flux-melting and

melt-solidification, to prepare bulk nanostructured

alloys. The casting technique has such advantages as

simplicity, low cost, and full density. In our method,

Ag–Cu alloys were melted in B2O3 flux, which

removed most of the impurities, mainly oxides, in the

melts. Upon solidifying the melt at a relatively slow

cooling rate on the order of 101–102 K/s a large

undercooling of ~0.25 Tm (where Tm is the melting

temperature) was achieved. This large undercooling

leads to the formation of bulk nanostructured Ag–Cu

alloys composed of alternative Ag/Cu lamella and

nanocrystals, both ~50 nm in dimension. Our liquid-

processed alloys are fully dense and relatively free

from contamination. The nanostructured Ag–Cu alloys

have similar yield strength in tension and in compres-

sion. The as-quenched alloys have yield strength of

400 MPa, ultimate tensile strength (UTS) of 550 MPa,

and plastic elongation of ~8%. The UTS was further

increased to ~830 MPa after the as-quenched alloy rod

was cold drawn to a strain of ~2. The nanostructured

Ag–Cu alloys show a high electrical conductivity

(~80% that of International Annealed Copper Stan-

dard), a slight strain hardening (strain-hardening coef-

ficient of 0.10), and a high thermal stability up to a

reduced temperature of 2/3 Tm. Some of these behavi-

ors are different than those found in previous bulk

nanostructured materials synthesized by solid state

methods, and are explained based on the unique

nanostructures achieved by our flux-melting and

melt-solidification technique.

Introduction

Decreasing the grain size of a polycrystalline alloy to

the nanometer range is one method one can use to

increase the alloy’s strength and hardness. Although

nanomaterials can easily be prepared as thin films and

powders, they are much harder to prepare in bulk

form. Currently, there are three general methods to

prepare bulk nanostructured materials, as described

below.

Consolidation of nanostructured powders

This synthesis method usually consists of two steps.

First, techniques such as mechanical alloying, rapid
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solidification, and chemical reaction are used to pro-

duce nanocrystalline powders and nanoparticles. The

next step, consolidation of the nanostructured powders

or particles, is the most difficult step because, to

preserve the nanostructure, the consolidation must be

done at high pressures and relatively low temperatures

[1, 2]. The pressure must be significantly higher than

the hardness of the powders and particles, since a lower

pressure will not lead to full densification. Any residual

porosity would significantly degrade the mechanical

and physical properties of the compact [3, 4]. The

consolidation temperature must be kelp relatively low

to avoid grain growth and recrystallization.

Recently, a one-step in-situ consolidation technique

has been developed to synthesize nanocrystalline Cu

and Zn with an average grain size of ~20 nm [5, 6]. This

technique can provide porosity-free nanocrystalline

spheres with a diameter of up to 10 mm and a narrow

grain size distribution. The resulting nanocrystalline

bulks have probably the best combination of strength

and ductility ever achieved in nanocrystalline materials

[7]. This technique, however, requires materials with a

good extensibility.

In practice, there are few consolidation techniques

that work at high pressure and low temperature. One

such consolidation technique makes use of high-energy

shock waves. Short-duration pressure shocks can be

generated by the impact of high-velocity projectiles

that are accelerated to the km/s range in a gas-gun, or

by explosives. Taking careful measures to trap the

momentum of the traveling shock wave, once this wave

has traversed the porous specimen, researchers have

prepared in the laboratory fully dense inch-diameter

nanocrystalline samples [8]. Effective bonding between

the particles results from localized melting at the

particle boundaries, which flow and fill the cavities

between the initial powder compact, and also break up

the oxide layers that may cover each particle. The

interior of the particles deforms much less and thus

remains at near-room-temperature. These cooler

regions provide an internal ‘‘quenching’’ of the melted

interparticle regions. Upon rapidly solidifying the

interparticle melt, the whole compact attains the

desired nanocrystalline structure. Achieving good

interparticle bonding requires a careful control of the

shock pressure and shock duration. Too high a pressure

leads to excessive melting and homogeneous heating,

which destroys the nanostructure of the material,

whereas too-short a shock duration does not allow

the interparticle melt to solidify before the unavoid-

able arrival of the release wave [8]. Therefore, there is

an optimal window of shock pressure and shock

duration within which one can prepare nanocrystalline

materials of exceptionally high strength [9]. The main

drawbacks of the shock-wave consolidation technique

are its high cost and the difficulty in scaling the

consolidation technique beyond the inch-diameter

coupons that can be prepared in laboratories.

Electrodeposition of nanocrystalline plates

Electrodeposition can be used to prepare nanocrystal-

line metals and alloys having average grain size of ~5–

50 nm [10–13]. Two advantages of this technique are

that the products have a narrow distribution of grain

sizes and that the microstructure of the product can be

controlled to have small-angle grain boundaries [14] or

highly twinned grains [15]. The drawbacks of the

method are that it can only be used for a rather limited

number of chemical systems and that the product is

often brittle due to intergranular impurities [16].

Changes in ion concentration during the electrodepos-

ition are known [17, 18] to cause microstructural and

compositional inhomogeneities in the product.

Severe plastic deformation of polycrystalline

materials

This is perhaps the oldest strengthening method known

to man. New variants have been developed in the last

decades with the purpose of achieving elevated levels

of strain while preserving the product aspect ratio.

These new deformation methods include equal-chan-

nel angular extrusion (ECAE) [19, 20], high-pressure

torsion [20, 21], repetitive corrugation and straighte-

ning [22], multiple forging [23], twist extrusion [24, 25],

accumulative roll bonding [26–29], and co-deformation

of in-situ composites [30–37]. These techniques have

been applied to a wide range of crystalline materials

with various degrees of success. The main drawback of

this technique is its high cost. Another problem has

been the lack of a consistent level of tensile strength

throughout the bulk product. This problem usually

arises from inclusions and/or porosity retained in the

heavily deformed product. A third problem is a rather

low ductility.

Under certain conditions, bulk polycrystalline mate-

rials with nanosize grains can be prepared directly from

the melt. For example, a fine lamellar microstructure is

often obtained by solidifying a eutectic melt at a

relatively fast rate. Solidification theory predicts that

the eutectic lamellar spacing is inversely proportional

to the undercooling of the melt at the solidification

front [38]. This suggests that lamella thicknesses in the

nanometer range may be obtained at a sufficiently

large degree of undercooling. Factors that favor a large
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degree of undercooling are: (a) a fast rate of cooling

and (b) the removal of impurities (e.g., oxide particles)

that may act as heterogeneous nucleation centers for

crystallization. The cooling rate cannot be increased

without bounds, however, unless one limits at least one

of the dimensions of the solid. This is an intrinsic

limitation due to the finite thermal conductivity of the

molten alloy. The second factor, the removal of

heteronucleants, has been less studied. The degree of

undercooling that can be achieved in a rapidly solid-

ified melt at a giving cooling rate is always limited by

the onset of homogeneous nucleation, but this limit is

seldom, if ever, reached; crystallization is almost

always heterogeneous. So, the question arises: can a

range of cooling rates and melt purification processes

be used to prepare inexpensively centimeter-diameter

polycrystalline alloys with crystals in the nanometer

range?

In the present work, we applied these simple

concepts to the synthesis of a eutectic Ag60Cu40 alloy

[39]. We used B2O3 flux to dissolve or neutralize most

of the impurities in the melt that would have competed

with the undercooling process. The carefully purified

melt was then solidified at a cooling rate of ~102 K/s.

This cooling rate, being relatively slow, enabled us to

prepare 1-cm diameter rods. The microstructure of the

as-prepared rods consisted of alternative Ag and Cu

lamella, approximately 70 and 30 nm thick, respec-

tively. The as-prepared alloys were fully dense and

contained no inclusions. Tensile deformation of the as-

prepared rods by drawing enabled us to further reduce

the lamellar spacing. In the following we discuss the

processing, microstructure, and properties (electrical,

elastic, and mechanical) of these alloys.

Experimental

Silver and copper shot (2–6 mm, 99.999% pure) were

used as starting materials to prepare the eutectic

Ag60Cu40 (at%) alloys. The Ag and Cu were placed

in a fused-silica tube together with pieces of vitreous

B2O3 flux. The silica tube was evacuated, filled with

pure argon to a pressure slightly higher than 1 atm, and

then heated slowly to 1,300 �C to melt the three

components. Following melting, the B2O3 floated on

the surface of the Ag–Cu melt, as schematically shown

in Fig. 1. The tube was again evacuated while keeping

the melt at 1,300 �C. During this process, bubbles

emerged from the melt signifying the loss of water

from the flux and oxygen from the Ag–Cu melt. When

the bubbling ceased (after approximately 1 h) and the

pressure was in the low 10–3 Torr range, we filled the

tube with high-purity argon to a pressure slightly

higher than 1 atm and then quenched the tube in

water. In this way we prepared samples ranging from

3 mm to 10 mm in diameter. Several 4-mm diameter

rods are shown in Fig. 2. For some of the experiments,

a small fused-silica tube containing a W/Re thermo-

couple was immersed into the molten Ag–Cu alloy.

This thermocouple recorded the melt temperature

during the water-quenching process.

Two types of annealing treatments were used to

modify the microstructures of the as-cast alloys. The

first treatment was an isothermal annealing during

which the as-cast alloys were heated in a furnace to a

given temperature and isothermally annealed at the

temperature for 1 h. The furnace was located inside an

argon-filled glove box containing less than 0.1 ppm

oxygen. After the annealing the alloys were quenched

in aluminum foils. The second treatment was a cold

drawing during which the as-cast 10-mm diameter

ingots were cold drawn (at room temperature) to 4-mm

diameter wires.

The alloys were characterized by X-ray diffraction

(XRD), scanning electron microscopy (SEM), transmis-

sion electron microscopy (TEM), resistivity, modulus,

Vac.

Furnace

Quartz tube 

B2O3 flux

Melt

Fig. 1 Schematic description of flux-melting technique

Fig. 2 Optical microscopy image of Ag60Cu40 rods with a
diameter of 4 mm and a length of approximately 40 mm
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hardness, tension, and compression measurements.

A rotating anode X-ray diffractometer operated at a

voltage of 45 kV and a current of 200 mA, was used for

the XRD measurements. The SEM observations were

done with a JSM7401F Field Emission Scanning Electron

Microscopy (FESEM). The SEM samples were cut from

the alloy rod, mechanically polished, and etched in a

solution of nitric acid in ethanol for 45–60 s. The TEM

observations were carried out with a JEOL 3000F

microscope operated at 300 kV. TEM specimens were

prepared by mechanically thinning, polishing, and ion

milling a 3-mm diameter disk. The resistivity was

measured on the alloy rods by a standard four-probe

method with a DC current of 1.5–3 A. The Young’s,

bulk, and shear moduli were measured by Resonant

Ultrasound Spectroscopy (RUS) [40]. The microhard-

ness measurements were made on a Micromet-4 tester at

loads of 1 kg force on 3-mm diameter disks that were cut

from the as-cast rods and then polished using 0.3 lm

alumina paste. Tension testing was conducted on samples

with a gauge diameter of 1.6 mm and a gauge length of

15 mm. Compression testing was done on cylindrical

specimens, 2.9-mm diameter and 5.8-mm long, which

were cut from the as-quenched rod by electrical dis-

charge machining. Both tension and compression tests

were performed at a strain rate of 2 · 10–4 s–1.

Results

Undercooling

Temperature–time curves measured during water-

quenching a 10-mm diameter rod of Ag–Cu alloy

(data not shown here) showed a small exothermic

peak at approximately 520 �C, which we identified as

the recalescence temperature. We estimate the error

in the determination of this temperature to be

approximately ±30 K. This uncertainty is due to the

difficulties in identifying the onset of the recalescence,

and to the unavoidable temperature gradient between

the melt and the immersed thermocouple. Thus, the

undercooling at the onset of crystallization was

approximately 260 ± 30 K, which is ~25% of the

eutectic temperature (1,053 K). Such a large underco-

oling in a Ag–Cu melt is possible only if the melt has

been carefully purified. The cooling rate close to the

recalescence temperature was ~23 K/s. These mea-

surements were performed on a 10-mm diameter

ingot. Most likely, even larger cooling rates and

undercoolings are achieved during the preparation of

smaller diameter rods.

Microstructure

Figure 3 shows an XRD pattern for the as-quenched

Ag60Cu40 alloy. The alloy consists of fcc Ag(Cu) and

fcc Cu(Ag) solid solutions. We estimated the average

crystallite size D using the Scherrer equation [41],

D = 0.9L/bcosh where L is the wavelength of X-ray, b
is the full width at half maximum of the Bragg peak,

and h is the diffraction angle. Using the b of the

reflection (111) we obtained an average crystallite size

of 45 nm for both the Ag(Cu) and Cu(Ag) phases. This

crystallite size agrees with the layer thickness we

determined by direct TEM observations, to be dis-

cussed below.

The as-quenched alloy contains large grains, with

sizes ranging from 100 lm to 500 lm [39]. These grains

formed via regular eutectic growth starting from a

rather low density of isolated nucleation centers. The

shape of the grains reflects the fact that the growth

proceeds from the surface of the rods inwards. Figure 4

shows the TEM image of an as-quenched Ag60Cu40

alloy rod [39]. The alloy is composed of alternating Ag

and Cu lamella, which is the typical microstructure of

regularly grown eutectic alloys. The average thickness

of the Ag lamellae is kAg ~ 70 nm, and the average

thickness of the Cu lamellae is kCu ~ 30 nm. The ratio

of the thickness, kAg/kCu = 7/3, agrees with the eutectic

composition. The Ag and Cu lamellae have low

densities of grown-in dislocations. The inset is a

diffraction pattern from a selected area that covers

several adjacent lamellae. This pattern, and others,

show that the close-packed {111} planes in Ag and Cu

grow parallel to each other.
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Fig. 3 XRD pattern of as-quenched Ag60Cu40 rod

123

J Mater Sci (2007) 42:1638–1648 1641



Figure 5 shows the SEM images of the cross section

of an as-prepared 10-mm diameter rod (Fig. 5(a)) and

of the same material after the rod was cold drawn to a

diameter of 4 mm (Fig. 5(b)). From these images we

determined that the deformation caused the lamellar

spacing, (kAg+kCu), to decrease from ~200 nm to

100 nm. The true strain introduced by this cold-

drawing is approximately 2.

Thermal stability

Figure 6(a) shows the lattice parameters of the Ag(Cu)

and Cu(Ag) phases following 1-h anneals at the

temperatures stated in the abscissa. We determined

the lattice parameters using the Bradley and Jay’s

extrapolation method [42]. Figure 6(b) shows the

solute contents deduced from the lattice parameters

plotted in Fig. 6(a). The equilibrium solute concentra-

tions of Cu in Ag and Ag in Cu, estimated from the

Ag–Cu phase diagram [43], are plotted in Fig. 6(b) as

dashed line and dashed-dotted line, respectively. The

partial atomic volumes of Cu in Ag, and of Ag in Cu,

Fig. 5 SEM images of as-quenched and as-drawn Ag60Cu40

alloys. (a) As-quenched rod with a diameter of 10 mm, (b) rod
(a) after being cold-drawn to a wire with a diameter of 4 mm
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Fig. 6 (a) Lattice parameters of fcc Ag(Cu) and fcc Cu(Ag) in
annealed Ag60Cu40. Horizontal lines represent the lattice
parameters of pure Ag and Cu. (b) Solute concentrations of
fcc Ag(Cu) and fcc Cu(Ag) in annealed Ag60Cu40. Dashed and
dashed-dotted lines represent the equilibrium solute concentra-
tions of Ag(Cu) and Cu(Ag) solid solutions

Fig. 4 Bright-field TEM image and the corresponding selected-
area diffraction pattern of as-quenched Ag60Cu40 rod
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deviate from a strict Vegard’s law. Massalski [44]

compiled data for the change in the lattice parameters

of various solid solutions, and quoted the values (1/

a)(da/dc) = –0.09 for Ag(Cu) solution, and (1/a)(da/

dc) = 0.155 for Cu(Ag) solution. Using these values we

derived the solute concentrations in the Cu and Ag

phases of our alloys, both in the as-quenched initial

condition and after annealing for 1 h at various

temperatures. Figure 6(b) indicates that the solute

concentrations of the Ag and Cu phases in the as-

quenched alloy are significantly larger than the equi-

librium solute concentrations, which are negligible at

room temperature. Therefore, the Ag(Cu) and Cu(Ag)

solutions are supersaturated.

For annealing temperatures below 300 �C, the Cu

and Ag have some degrees of lattice distortion relax-

ation and solutes cannot leave the Ag and Cu matrices,

respectively, because the diffusivity is too low. Above

300 �C more relaxation occurs and the compositions of

the two phases approach their equilibrium values at

those temperatures. Thus the lattice parameters of the

Ag phase increase whereas those of the Cu phase

decrease. However, above approximately 400 �C, the

solute content in the Ag and Cu phases increases

reflecting the increase in the equilibrium solubility with

increasing temperature.

Figure 7 shows the crystallite sizes (D), estimated

from the Scherrer formula, of the Ag(Cu) and Cu(Ag)

solid solution phases as a function of annealing

temperature. The initial crystallite size is 45 nm, which

is approximately equal to half of the lamellae thick-

ness, (kAg+kCu)/2. This size remains constant up to an

annealing temperature of 400 �C, which is 64% of the

melting temperature of eutectic Ag60Cu40 alloys.

Therefore, our nanostructured Ag60Cu40 alloys have a

relatively high thermal stability. Figure 7 further sug-

gests that the mechanical properties of the lamellar

Ag–Cu alloy should remain constant for annealing

temperatures below approximately 400 �C, as dis-

cussed below.

Electrical conductivity

Table 1 gives the conductivity of the Ag60Cu40 alloy in

the as-cast and cold drawn conditions. The as-cast alloy

has conductivity of 79% IACS (International An-

nealed Copper Standard). Cold drawing reduces the

conductivity by approximately 5%. For both as-cast

and cold-drawn rods, the conductivity at 77 K is

approximately three times of that at room tempera-

ture. Note that the cold drawing increases the strength

by 50% (to be discussed below). Thus, further drawing

can be used to increase the strength of the alloy while

retaining a high conductivity, which is critical to

developing high-strength/high-conductivity alloys for

practical applications.

Elastic moduli

Table 2 lists the Young’s (E), bulk (B), and shear (G) of

Ag, Cu, polycrystalline and nanocrystalline Ag60Cu40

alloys. The moduli of polycrystalline Ag60Cu40 are

calculated using the rule-of-mixtures. Compared to

their polycrystalline counterparts, the nanocrystalline

Ag60Cu40 alloys have similar B but lower E and G.

Mechanical properties

Figure 8 shows the microhardness of as-cast Ag60Cu40

as a function of distance, which is measured from the

center to the surface on the cross section. The average

hardness is 1.45 ± 0.11 GPa. However, the center has a
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Fig. 7 Temperature dependence of the crystallite size in fcc Ag
and fcc Cu determined from the width of the (111) Bragg peak
measured by X-ray diffraction

Table 1 Electrical conductivity of as-cast and cold-drawn
Ag60Cu40 alloys measured at 77 and 300 K

As-cast Cold-drawn

r (RT, MS/m) 46.1 ± 0.6 (79%
IACSa)

43.5 ± 0.8 (75%
IACSa)

r (77 K, MS/m) 149 ± 7 119 ± 3
r (77 K)/r

(RT)
3.2 2.7

Both the as-cast and clod-drawn rods have a diameter of 4 mm.
The diameter of the rod before cold drawing is 10 mm
a IACS (International Annealed Copper Standard) = 58 MS/m,
which is the volume conductivity of pure copper at 20 �C
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hardness of ~1.6–1.7 GPa, which is ~20% higher than

the hardness (~1.3–1.4 GPa) in the surface.

Figure 9 shows stress–strain curves for the Ag60Cu40

alloys measured in tension and compression [39]. The

alloys have (1) yield strength (r0.2) of about

400 MPa—approximately one order of magnitude

larger than that [45, 46] of polycrystalline Ag or Cu;

(2) a tensile strain-to-fracture of ~8%; and (3) a strain-

hardening exponent n = d(lnr)/d(lne) = 0.10 ± 0.02

during both tension and compression, where r and e
represent true stress and true plastic strain. Because of

the quite large strain hardening, the ultimate tensile

strength (UTS) reaches 550 MPa, ~40% higher than

the yield strength (400 MPa). Note that the yield

strength in tension (400 MPa) is slightly higher than

that (370 MPa) in compression. This is because the

gauge part (~1.6 mm in diameter) of the alloy being

tested in tension corresponds to the central region of

the as-cast rod (~3 mm in diameter) whereas the

compression test is performed on the whole cross-

sectional area (~3 mm in diameter) of the rod. That the

yield strength is slightly higher near the center of the

as-quenched rod agrees with the hardness data shown

in Fig. 8.

Shown in Fig. 10 are the tensile stress–strain curves

for the Ag60Cu40 alloys after various thermo-mecha-

nical treatments. Notice that the 300 �C annealing

reduces the stresses and increases both the total

elongation (strain-to-fracture) and homogeneous elon-

gation slightly. The 600 �C annealing further increases

the ductility but at the expense of a drastic decrease in

strength. Cold drawing alone has the reverse effect,

increasing the strength at the expense of a decrease in

ductility. The yield strength and UTS of cold-drawn

nanostructured Ag60Cu40 are ~810 and 830 MPa,

respectively, significantly higher than those, 400 and

Table 2 Young’s (E), shear (G), and bulk (B) moduli of poly-
crystalline (Ag, Cu and Ag60Cu40) and nanocrystalline
(Ag60Cu40) materials

Ag
(polycry.)

Cu
(polycry.)

Ag60Cu40

(polycry.)
Ag60Cu40

(nanocry.)

E (GPa) 83 130 97.8 88.4
B (GPa) 103 138 114.0 114.3
G (GPa) 30 48 35.7 32.2

The moduli of Ag and Cu were taken from the literature whereas
those of polycrystalline Ag60Cu40 were calculated using the rule-
of-mixtures. The moduli of nanocrystalline (Ag60Cu40) were
experimentally measured
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Fig. 8 Microhardness as a function of distance away from the
rod center in as-quenched Ag60Cu40 rod
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Fig. 9 Stress–strain curves for as-quenched Ag60Cu40 rods
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Fig. 10 Tensile stress–strain curves for Ag60Cu40 rods after
various thermal and mechanical treatments. (a) As-cast, (b) as-
cast rod after annealing at 300 �C for 1 h, (c) as-cast rod after
annealing at 600 �C for 1 h, and (d) as-cast dia-10 mm rod cold
drawn to dia-4 mm rod
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550 MPa, of as-cast nanostructured Ag60Cu40. How-

ever, the plastic elongation decreases from ~8% to 3%

after cold drawing. The optimization of the fabrication

conditions may lead to an increase in flow stress while

retaining a few percent ductility.

Figure 11 summarizes the yield strength, UTS, and

elongation-to-fracture for samples that were annealed

and then tested at room temperature. In agreement

with Fig. 7, the mechanical properties do not deterio-

rate unless the annealing temperature exceeds 400 �C.

Figure 12 compares the ultimate tensile strength

(UTS) of the present Ag60Cu40 (at%) alloys to those of

previously studied Cu83.6Ag16.4 (at%) [47] and

Cu85.9Nb14.1 (at%) [48] alloys prepared by severe

plastic deformation. The abscissa in this figure is the

plastic strain used to increase the strength of the alloy.

The figure shows that at a given plastic strain our

lamellar eutectic nanostructured alloys provide the

highest UTS. This is because in our alloy we are

already starting from an ultra-fine (~50 nm) lamellar

microstructure.

Discussion

The microstructures that form during melt solidifica-

tion can adopt various morphologies, such as eutectic

and dendritic, and these can be present in a wide range

of size scales. Alloy casting is often done at near-

eutectic composition because the melt has better

casting behavior (low solidification temperature and

low viscosity) and the solidified composite has good

mechanical properties (relatively small grains/crystal-

lites and thus high strength). In Cu-based Cu84Ag16

alloys, increasing the cooling rate to ~3 · 104 K/s leads

to a Ag/Cu lamellar spacing of ~100 nm in a solidified

wire with a diameter of ~30 lm [49, 50]. However, bulk

metallic materials cast at a slower rate (<102 K/s) do not

have nanocrystalline structures. This is because the slow

cooling rate, which usually leads to a small undercooling

and a relatively high solidification temperature, cannot

effectively suppress the growth of crystals. The present

study suggests that this problem can be solved by using a

flux-melting technique. During the flux melting, the

B2O3 flux removes most oxide particles from the melt.

This significantly lowers the density of heterogeneous

nucleation centers, resulting in a large undercooling at a

relatively slow cooling rate. Clearly, it is this large

undercooling that leads to the formation of nanolayered

Ag(Cu) and Cu(Ag). For regular eutectic growth in

undercooled melts, lamellar eutectics prefer to grow

under ‘‘extreme conditions’’—crystal growth occurs at

the minimum undercooling DT for a given crystal

growth velocity V. In this way the eutectic lamellar

spacing (k) is inversely proportional to the undercooling

[38]. Despite the fact that the large undercooling helps

refine the lamellar structure, the present alloy melt may

not solidify exactly under the extreme conditions.

Figure 8 indicates that the central region is harder than

the surface region of the solidified rod. This suggests

that, when compared with the surface, the central region

has a finer microstructure. However, the cooling rate

and the resultant undercooling in the central region

could be the lowest over the whole cross section of the

solidified rod.

The present nanostructured Ag–Cu alloys show that

the yield strength in tension is slightly higher than that
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in compression. In contrast, a strong tension–compres-

sion asymmetry has been observed in bulk nanocrys-

talline Cu prepared by compacting Cu nanoparticles

[51], with the tensile strength being approximately 30–

50% of the compressive strength. Furthermore, the

ductility measured during tension was less than 1% [2].

Since this nanocrystalline Cu had several percent

porosity, it is reasonable to assume that the observed

tension–compression asymmetry and low ductility are

not intrinsic behavior of nanomaterials but the effects

of the processing artifacts (residual porosity).

Strengthening in our nanocrystalline alloys arises

from the crystal size refinement and from solid-solution

hardening. The hardening from crystal size refinement

can be estimated from the Hall–Petch relation,

r = ro + K d–1/2, where r is the yield stress and d is the

crystallite size. With ro,Cu = 0.06 GPa, KCu = 2.05 GPa/

nm1/2 [52], ro,Ag � 0.11 GPa, and KAg � 1.40 GPa/nm1/2

[53], the Hall–Petch relation averaged over the Ag and

Cu volume fractions in the present Ag60Cu40 alloy

composition predicts a yield strength of 337 MPa.

Therefore, crystal refinement seems to provide the

majority of the strength. We found no measurements

for the solid-solution hardening in metastable Ag(Cu)

and Cu(Ag) alloys. An estimate of the solid solution

hardening can be obtained from the known strength

values for Cu(Ge) alloys [54], which have a value of

d(ln a)/d(c) similar to that in our Ag–Cu alloys, where a

is the lattice parameter and c the solute content [55].

This comparison predicts a solid-solution strengthening

in Ag–Cu alloys (with a solute content of about 5 at%)

of 10 MPa. Dislocation activities are effectively con-

fined in small crystals. It is thus the small crystallite size

rather than the large grain size that determines the

strength of materials. Similar phenomena have been

observed in nanostructure metallic multilayer thin films

[56]. At a layer thickness of 10 nm or less, the average

columnar grain size within each constituent layer is

typically greater than the layer thickness. In these

scenarios, the hardness of multilayer films is dominated

by layer thickness (which is usually similar to the crystal

size), rather than the columnar grain sizes.

The lattice distortion introduces internal stresses in

both Cu and Ag components [57]. Both Cu and Ag have

the fcc crystallographic structure but Cu has a smaller

lattice constant than Ag. Therefore, misfit dislocations

form at the interfaces between Cu and Ag in bulk

samples. When the spacing between Cu/Cu or Ag/Ag

reduces to the magnitude of smaller than 100 nm, both

the Cu and Ag phases intend to reduce the numbers of

misfit dislocations in the unit volume [58]. To accom-

modate the misfit and the reduced numbers of disloca-

tions, Ag reduces its lattice parameter and therefore is

in compression whereas Cu increases its lattice param-

eter and in tension. These stresses are perpendicular to

the normal of the interfaces [57, 58]. In the direction

parallel to the interfaces, the internal stresses in

different components have an opposite signs. When

the materials are subject to an external load, the total

stresses applied to an individual component are the sum

of the external and internal stresses. Cu has relatively

large modulus but with internal tensile stresses. Further

tensile loading introduces plastic deformation. There-

fore the apparent modulus of the Cu component is

smaller than that of Cu without any initial external

stresses. Similar arguments are applicable to Ag.

Therefore, the measured Young’s modulus is different

from the value calculated by a rule of mixture. The bulk

modulus represents the modulus under hydrostatic

pressure. As the composites have a tetragonal lattice

distortion as addressed in references [57, 58], the

influences of the internal stresses on modulus in

different orientations tend to be cancelled out. Hence,

the bulk modulus is similar to what calculated by a rule

of mixture. The other reason that is responsible for the

slightly reduced Young’s and shear moduli observed in

the nanocrystalline Ag60Cu40, when compared with

their polycrystalline counterparts, may be due to the

high density of interphase interfaces and grain bound-

aries [3].

Our nanocrystalline Ag–Cu alloy has a strain-hard-

ening exponent of about 0.10, significantly smaller than

that of polycrystalline Cu, typically 0.30–0.35 [59].

Compared with their polycrystalline counterparts,

nanocrystalline metals and alloys usually have a lower

strain-hardening exponent. This is because dislocation

pile-up, which frequently occurs in large-grained poly-

crystalline materials, is less likely in nanocrystalline

materials due to the high density of the interfaces that

provide sinks for dislocations. In addition, in nano-

structured materials most of the dislocations generated

by plastic deformation may take the form of disloca-

tion dipoles, which only generate short-range stress

fields and thus contribute little to the overall strength

of materials [60]. However, the non-zero strain-hard-

ening exponent in our as-cast Ag–Cu alloy suggests

that strain still causes the increase in dislocation

density and thus contributes to the enhanced strength

of strained alloy, as shown in Fig. 9. This suggests that

the cast nanomaterials have more potential to reach

high (UTS) strength than the deformed nanomaterials,

as discussed below.

Whether nanostructured materials will be hardened

by straining depends on not only crystal size but also

the structure of grain boundary and grain interior. In

many nanostructured materials with a crystal size of
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~200–300 nm prepared by severe plastic deformation

(SPD), straining usually either causes elastoplasticity

(constant stress on straining) [61] or softening (de-

creased stress on straining) [29, 62]. This may be

understood by the fact that the high density of

dislocations generated during the SPD significantly

increases the recovery rate of dislocations generated

during further straining. As such, the dislocation

annihilation rate may reach or exceed the dislocation

generation rate, leading to elastoplasticity or softening.

In comparison, our as-cast Ag–Cu alloy with a crystal

size of ~50 nm has a much lower density of pre-existing

dislocations inside the lamella. When the materials are

subject to plastic deformations, the generation rate of

dislocations exceeds the annihilation rate of disloca-

tions. This results in strain hardening.

Our supersaturated nanostructured Ag–Cu alloy has

a high thermal stability. Crystal growth occurs for

temperatures above 400 �C, which is ~2/3 of the melting

temperature. One reason for the high thermal stability

may be ascribed to the solute drag effect, which

suppresses the diffusion of matrix atoms. This is

supported by the fact that the starting temperature for

crystal growth (Fig. 7) is similar to the temperature

where most solute atoms are rejected from their

solution matrix (Fig. 6). Both spheriodization and

coarsening, which accompany crystal growth, may occur

at temperatures above 400 �C. This indicates that the

majority of the Cu–Ag interfaces are relatively stable. In

this system, spheriodization occurs before coarsening

[63]. However, the first step of the spheriodization is to

increase the interface energies by rotating the interface

boundaries from the semicoherent to incoherent bound-

aries. Such activities require relatively high thermal

activity energy thus high temperatures.

Drawing our as-cast Ag–Cu rod significantly in-

crease the strength. This can be understood by two

effects: lamellar refinement and strain hardening. The

drawing refines lamellar spacing, as shown in Fig. 5.

This should strengthen the drawn alloy based on the

Hall–Petch relationship. The strain hardening is con-

firmed in Fig. 9 and can be attributed to the increased

dislocation density upon straining. The well-known

strain hardening theory suggests that the strength

scales with the square root of the dislocation density.

Conclusions

We have used a flux-melting and melt-solidification

technique to prepare impurity- and porosity-free

nanostructured eutectic Ag60Cu40 alloys. The flux

removes oxide heteronuclents from melt, allowing us

to achieve a large undercooling upon solidification.

This results in the formation of nanostructured Ag–Cu

alloys composed of alternative Ag/Cu lamella with an

average single-layer thickness of ~50 nm.

The yield strength of nanostructured Ag60Cu40 in

tension is similar to that in compression because the as-

quenched nanostructured alloys are fully dense. The

as-quenched alloys have high yield strength

(~400 MPa), high UTS (550 MPa), and good ductility

(~8% plastic elongation). After being drawn to a strain

of ~2, the yield and ultimate strength of Ag–Cu alloy

increase to 810 and 830 MPa, respectively. In principal,

the present processing technique should be applicable

to other eutectic or near-eutectic alloys, such as Fe–C.

The nanostructured Ag–Cu alloys show softened

Young’s and shear moduli when compared with their

polycrystalline counterparts. This may be attributed to

the lattice distortion and the high density of interfaces.

The as-cast alloy has a high electrical conductivity,

79% that of IACS. The conductivity decreases by only

~5% IACS after cold drawing to a strain of ~2. The

combination of high strength and high conductivity is

desired for many applications.

The nanostructured Ag–Cu alloy has strain hardening,

which is mainly because the as-cast alloy is relatively free

from dislocations. Further deformation should accumu-

late dislocations because there is no significant recovery

induced by the pre-existing dislocations.

The achieved high thermal stability can be ascribed

to the stable semicoherent interfaces. Relatively large

thermal activity energy is required to render any

coarsening of the composites.
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